Discovery of new single-phase high-entropy alloys (HEAs) is important to understand HEA formation mechanisms. The present study reports computational design and experimental validation of a senary HEA, HfNbTaTiVZr, in a body-centered cubic structure. The phase diagrams and thermodynamic properties of this senary system were modeled using the CALPHAD method. Its atomic structure and diffusion constants were studied using ab initio molecular dynamics simulations. The microstructure of the as-cast HfNbTaTiVZr alloy was studied using X-ray diffraction and scanning electron microscopy, and the microsegregation in the as-cast state was found to qualitatively agree with the solidification predictions from CALPHAD. Supported by both simulation and experimental results, the HEA formation rules are discussed.
I. INTRODUCTION
THE uniqueness of high-entropy alloys (HEAs) [1, 2] is that they contain multiple principal elements while traditional alloys are typically based on one or two principal elements (e.g., Al-, Mg-, Ti-, and Fe-based alloys). Yeh [3] provided two definitions for HEAs, which are quite broad though. One is based on chemical composition, and HEAs are defined to preferentially contain at least five principal elements, each with an atomic percentage between 5 and 35 pct. The other is based on configurational entropy, and HEAs are defined as alloys having configurational entropies at a random state ‡1.5R (R is the ideal gas constant), no matter whether they are single phase or multi-phase at room temperature. As a result, these definitions cover a variety of microstructures, and many attractive materials' properties have been reported, e.g., sluggish diffusion, [4] extreme ductility at low temperatures, [5] combined strength and ductility, [6] [7] [8] excellent performance against fatigue, [9] wear, [10] and oxidation. [10] However, some fundamental questions remain to be answered, such as HEA formation rules [11] [12] [13] [14] and the entropy sources. [15] [16] [17] Establishing the rules itself is challenging and is further exacerbated by the lack of single-phase HEAs as summarized in References 18, 19. Since the maximum configurational entropy of a solution phase increases with R Â ln N ð Þ (N is the total number of components in the solution), one may wonder whether there is a limit on the total number of components in a solid solution. In order to accelerate single-phase HEA design, an efficient searching strategy was proposed by Gao and Alman [18] by combining phase diagram inspection, CALPHAD (acronym of CALculation of PHAse Diagrams) modeling, and ab initio molecular dynamics (AIMD) simulations. In particular, they mentioned [18] that formation of isomorphous solid solution in edge binary and ternary systems will likely lead to HEA formation in higher order systems, and they suggested new single-phase HEAs based on face-centered cubic (FCC) and hexagonal close-packed (HCP) structures. Following this approach, the present authors reported the formation of a senary refractory HEA MoNbTaTiVW in the body-centered cubic (BCC) structure, and they also observed the good agreement in microsegregation between CALPHAD modeling and experiments. [20] Computer-screening single-phase HEAs were carried out using CALPHAD [21] and using enthalpy data of binary compounds calculated from first-principle density functional theory (DFT). [22] The goal of the present study is to continue the prior work [20] in searching for new BCC HEAs with more than 5 principal components. The HfNbTaTiVZr alloy was designed by inspecting the experimental binary and ternary phase diagrams and using CALPHAD method. Vanadium, Nb, and Ta have only one stable structure in the BCC lattice, while Ti, Zr, and Hf have a HCP structure at lower temperatures and a BCC structure at high temperatures. [23] Formation of single BCC HfNbTaTiZr HEA was reported by Senkov et al., [24] but addition of V to it appears to be counterintuitive since C15 Lave phase is very stable in Hf-V, Ta-V, and V-Zr binaries, [23] as shown in Figure 1 . In addition, very recent theoretical study by Widom using first-principle density functional theory (DFT) methods predicted that the C15 NbV 2 Lave phase was stable at lower temperatures in the Nb-V system. [23] II. CALPHAD MODELING
A. Solidification
All CALPHAD calculations were performed using the ThermoCalc TM software with the TCNI7 thermodynamic database [25] that covers all the edge binaries of the Hf-Nb-Ta-Ti-V-Zr system. Figure 2(a) shows the calculated equilibrium mole fraction of stable phases as a function of temperature for the HfNbTaTiVZr alloy. It predicts a liquidus temperature of 2151 K (1878°C) and a solidus temperature of 1872 K (1599°C). Although the BCC solid solution is found to be stable between 1258 K and 1872 K (985°C and 1599°C), at temperatures below 1258 K (985°C), the BCC solid solution starts to decompose into (Hf,Ti,Zr)-rich BCC#1 (0.54 mole fraction) and (Nb,Ta,V)-rich BCC#2 (0.46 mole fraction) phases. The predicted phase compositions at 1173 K (900°C) are listed in Table I . The HCP phase starts to form at 1058 K (785°C), BCC#1 phase disappears at 977 K (704°C), and the C15 Lave phase starts to form at 960 K (687°C).
The mole fraction of solid phases as a function of temperature for the HfNbTaTiVZr alloy during non-equilibrium solidification using the Scheil-Gulliver models [26, 27] is shown in Figure 2 solidification starts, the liquid phase is depleted in Ta, followed by Nb, and is slightly enriched with other elements especially Zr. Conversely, the BCC phase is enriched in Ta followed by Nb and is depleted in Zr followed by Hf, Ti, and V.
B. Phase Diagrams
To show the BCC phase field as a function of temperature and compositions, the isopleths at various pseudo-binary sections are shown in Figure 3 .
Isomorphous BCC solid solution is predicted for all vertical sections except HfNbTaTiV x Zr. This is somewhat expected since V tends to form Lave compounds with Hf, Nb, Ta, and Zr as shown in Figure 1 . In contrast, Nb (Figure 3(b) ), Ta (Figure 3(c) ), and Ti ( Figure 3(d) ) act as potent BCC stabilizers. Addition of Hf (Figure 3(a) ) not only increases the solidus temperature of the BCC phase but also promotes formation of the HCP phase. Addition of Zr causes decomposition of the BCC solid solution into two BCC phases. 
III. AIMD SIMULATIONS

A. Simulation Methodologies
The AIMD simulations were performed using the plane-wave pseudo-potential software, Vienna Ab Initio Simulation Package (VASP) [28, 29] in a canonical ensemble (i.e., constant mole, volume, and temperature) with atomic-configuration relaxation and temperature controlled by a Nose thermostat. [30] Projector augmented-wave (PAW) potentials [31] and the revised Perdew-Burke-Ernzerhof [32] gradient approximation to the exchange-correlation functional were used. The simulations were performed at the u point only, with a time step of 1 fs, a ''medium'' precision setting, an electronic-energy-convergence of 1 9 10 À4 eV/at, and a plane-wave cutoff energy of 220.3 eV at T = 2473 K (2200°C) for a total simulation time of 30 ps. The system size is 198 atoms in a cube with a density of 9.076 g/cm 3 which was determined to reach a zero pressure.
The partial pair distribution function (PDF) gives the information about the probability of bond formation by measuring the intensity of near-neighbor pairs against the total random distribution, [33] and partial PDF (g ab ) was calculated using
where V is the volume of the supercell, N a and N b are the number of element a and b, r ij is the distance between element a and b, and the bracket h i denotes the time average of different configurations. By examining the atomic trajectory, the diffusion constants can be obtained by plotting the mean square displacement (MSD) vs time using the following equation:
where D i is the self-diffusion constant of species i, and R i t ð Þ and R i 0 ð Þ denotes the atomic position of species i at time t and t = 0, respectively. The angular brackets denote an average over all the same species.
B. Simulation Results
The simulated partial PDFs are shown in Figure 4 . The peak values of the nearest-neighbor peak reveal the tendency of interatomic interaction. These values pertaining to each elements vary in a small range, suggesting lack of potent short-range order in this alloy as opposed to those Al-containing HEAs. [15, 18] Relatively speaking, the range is the largest for V (Figure 4(e) ) and is the smallest for Ti (Figure 4(d) ). For Ta, V, and Zr, the weakest interactions are Ta-Zr, V-Zr, and V-Zr pairs, respectively. For Nb, its interaction with Ta or Hf is stronger than with Nb, V, or Zr. For Hf, the Hf-Ti interaction is the weakest while the rest are fairly close.
The MSD plot is shown in Figure 5 , and the behavior is linear. The simulated diffusion constants at 2473 K (2200°C) in descending order are 5.35 ± 0.08, 4.96 ± 0.02, 4.07 ± 0.07, 3.96 ± 0.02, 3.86 ± 0.03, and 3.73 ± 0.06 [10 À5 cm 2 /s] for V, Ti, Zr, Nb, Hf, and Ta, respectively.
IV. EXPERIMENTAL VERIFICATION
A. Experimental Procedures
The HfNbTaTiVZr HEA specimens were prepared using a vacuum arc melting furnace (model Edmund Bu¨hler /MAM-1) under argon atmosphere in a watercooled copper hearth. The elemental metal powders with purity higher than 99.5 wt. pct were first mixed uniformly in a polystyrene ball mixing jar for around 15 minutes and then pressed in a uniaxial die (12.7 mm inner diameter) at 350 MPa pressure to obtain the compressed green-body disks. The green disk was then melted using the arc melter under Argon gas protection. To ensure the homogeneity, each sample was flipped over and re-melted 3 to 4 times. After the system was cooled down, the solidified ingots were embedded into an epoxy resin (SamplKwick fast cure acrylic resin, produced by Buehler) first for easy handling. A lowspeed diamond saw was then used to cut through the HEA sample to expose a flat surface of the cross section. The exposed surface was subsequently ground by #240, #320, #400, #600, and #800 SiC sandpapers in sequence, before wet-polished with 1, 0.3, and 0.05 lm Al 2 O 3 suspensions. The polished surface was further etched with dilute (1 pct) HF solution for observation under an optical microscope and a field-emission scanning electron microscope (FE-SEM) (FEI, Quanta 3DFEG) equipped with back-scatter electron (BSE) and energy dispersive X-ray spectroscopy (EDS) detector. The crystalline structure of the specimen was identified using X-ray diffraction (XRD) (Empyrean, PANalytical) with Cu Ka at a scan rate of 2 deg/ minutes. The density of the specimen was determined by measuring the samples weight and the volume. An analytical digital balance (Scientech, SA210) with a precision of 0.1 mg was used to measure the weight, while the Archimedes' principle was used to determine the sample volume. The hardness of the specimen was measured using a Vickers micro-hardness tester under a load of 1 kgf for 20 seconds. Figure 6 compares the XRD patterns of the greenbody disk and the as-solidified sample for HfNbTa TiVZr. Pure metals of Hf, Nb, Ta, Ti, V, and Zr can be traced on the green-body disk. However, the as-solidified HfNbTaTiVZr alloy shows only a single BCC phase, whose lattice constant is determined to be 0.334 nm. This value agrees well the one estimated value of 0.32 nm using the Vegard's law (i.e., a mix ¼ P x i a i , where x i and a i are the molar composition and lattice constant for element i respectively). The bulk composition x i of the alloy was estimated using SEM-EDX measurement on large areas. The as-measured bulk composition did not deviate significantly from the nominal value of 16.67 at. pct, and it was 15 at. pct (Hf), 16 at. pct (Nb), 17 at. pct (Ta), 18 at. pct (Ti), 20 at. pct (V), and 14 at. pct (Zr). The as-solidified HfNbTaTiVZr in its cross section has a typical dendritic structure of around 20 lm in size as shown in Figure 7 .
B. Microstructure Characterization
Elemental segregation in the as-cast sample was first examined using the EDS mapping on a smaller region as presented in Figure 8 . Tantanum (Figure 8(d) ) was mostly seen in the dendrite regions, while Zr (Figure 8(g) ) enrichment was observed in the interdendritic regions. Hf (Figure 8(b) ), Ti (Figure 8(e) ), and V (Figure 8(f) ) segregation into the interdendrite regions were also observed but with lower intensity than Zr. EDS scans were also carried out along the lines perpendicular to the dendrite arms with a sampling interval of 0.1 lm, and a typical composition profile is shown in Figure 8 (h). Tantalum and Zr exhibit the most significant fluctuations in their compositions, in agreement with EDS mapping results. Hafnium (Nb) exhibits weaker segregation preference toward interdendrite (dendrite) regions than Zr (Ta).
C. Density and Hardness
The measured density is 9.36 ± 0.016 g/cm 3 , which is nearly identical with the value of 9.37 g/cm 3 that is estimated using the rule of mixture:
where x i , w i ; and q i are the atomic percentage, atomic weight, and density of pure element i, respectively. The agreement in density suggests that a disordered solid solution may be reached. The Vickers micro-hardness H v of the alloy was tested at five randomly selected sites on the polished cross section. The averaged value is 5.481 ± 0.166 GPa, and it is 5.2 times the estimated value using the rule of mixture (i.e., H vmix ¼ P x i H vi (H vi is the Vickers micro-hardness for element i). An early study on the micro-hardness of HEA HfNbTaTiZr [24] reported a value of 3.826 GPa, with a grain size around 100 to 200 lm, which is 3.8 times the estimated value predicated from the rule of mixture. The micro-hardnesses of BCC refractory HEAs MoNbTaW and MoNbTaWV [34] were also reported to be 4.45 and 5.25 GPa, which are 2.4 and 3.29 times of the estimated value using the rule of mixture, respectively. Although the tensile strength of HfNbTaTiVZr is not measured, it can be roughly estimated to be as high as 1.827 GPa, using the approximate relationship r UTS ¼ H v =3:
V. DISCUSSION
A. Microsegregation
The Scheil-Gulliver models assume equilibrium mixing in the liquid and no diffusion in the solid, and thus, they represent the worst segregation scenario. The V-rich BCC phase predicted by the models was not observed in the experiment, and this is probably due to limited diffusion in the solid during solidification from arc melting. Nonetheless, the models correctly predict Ta segregation into the dendrite regions and Zr segregation into the interdendrite regions, as confirmed by the experiments.
Although it is typically observed that the chemical composition of the dendrites formed in the as-cast state follows the same order of the melting points of the constituent elements for solid solution alloys such as MoNbTaTiVW, [20] it is somewhat unusual to observe that Zr is actually depleted the most in the dendrite region in HfNbTaTiVZr since Zr has a much higher melting point than Ti. The melting point of the elements in descending order is 3290 K (3017°C) (Ta), 2750 K (2477°C) (Nb), 2506 K (2233°C) (Hf), 2183 K (1910°C) (V), 2128 K (1855°C) (Zr), and 1941 K (1668°C) (Ti). The potent segregation tendency of Zr to the interdendrite region is also predicted using the Scheil-Gulliver models for the nominal composition in HfNbTaTiVZr (see Figure 2) . According to the binary phase diagrams, [23] the liquidus temperature of Ta 0.5 Ti 0.5 is about 1073 K (800°C) higher than Ta 0.5 Zr 0.5 , while the liquidus temperatures of M 0.5 Ti 0.5 and M 0.5 Zr 0.5 (M=Hf, Nb, V) are fairly comparable. In other words, Zr tends to stabilize the liquid phase much more strongly than Ti in this senary system if ignoring the ternary and higher order interaction parameters for the liquid phase that usually play much weaker role than the binary interaction parameters in the Gibbs energy of the liquid phase. As a result, Zr is enriched more in the liquid than Ti during non-equilibrium solidification and tends to segregate into the interdendrite regions that form at lower temperatures than the dendrites.
B. BCC Phase vs C15 Laves Phase
Despite the strong tendency to form Laves phases in this senary system, a single BCC phase was observed in the as-cast condition, as predicted by TCNI7 database. This demonstrates the important contribution from configurational entropy of the BCC solid solution with 6 principal components to its phase stability. In order to provide a quantitative thermodynamic analysis, the entropy (S), enthalpy (H), and accordingly Gibbs-free energy (G ¼ H À TS) of the BCC and C15 Lave phases of the senary alloy as a function of temperature are calculated and shown in Figure 9 . The reference state is the stable structure of the elements at 1 atm and 298.15 K (25.15°C). The sublattice model adopted for the C15 phase in the TCNi7 database is (Hf,Mo,Nb,-Ta,Ti,V) 2 (Hf,Mo,Nb,Ta,Ti,V). The BCC phase has much larger total entropy than the C15 phase, signaling the significantly larger contribution from the configurational entropy for the former. The entropies increase with increasing the temperature due to the contribution from the vibrational entropy that strongly depends upon temperature. Quantitative evaluation of entropy sources of HEAs has been provided in recent publications. [35, 36] The BCC phase has higher enthalpy than the C15 Lave phase, and their enthalpies are positive and increase with increasing temperature.
Note that for complex systems such as the present senary alloy, the tie line is often out of the plane for those phase regions of co-existing phases, so the free energy analysis of individual phases as shown in Figures 9 and 10 cannot be used to determine the global phase equilibrium. For example, although the BCC phase has the lower energy than the C15 phase at temperatures above 385 K (112°C), the BCC phase undergoes decomposition at T £ 1258 K (985°C) (see Figure 2) Nonetheless, the thermodynamic properties of each phase are self-consistent and valid for whatever composition and temperature ranges where the database was developed based on reliable experimental results.
To evaluate the compositional effect on the thermodynamic properties, the entropy, enthalpy, and Gibbs energy of both BCC and C15 Lave phases as a function of V contents in HfNbTaTiV x Zr at 1273 K (1000°C) are plotted in Figure 10 . The BCC phase has much larger total entropy than the C15 phase over the entire compositional range, but the difference becomes smaller with increasing V contents and finally diminishes at pure V. The enthalpy of the C15 phase has a minimum at 46 at. pct V, and it is lower than the BCC phase up to 87 at. pct V. As expected, both the entropy and enthalpy contribute to the Gibbs energy of both phases, but the entropy effect dominates at lower V contents.
C. Mixing Behavior in the Thermodynamic Properties
To assist understanding the entropy sources of HEAs, the entropy of mixing (DS bcc mix ), enthalpy of mixing (DH bcc mix ;) and Gibbs energy of mixing (DG bcc mix ) for various pseudo-binary compositions are evaluated and plotted in Figure 11 in comparison with the ideal configurational entropy. Note that the BCC phase at 1273 K (1000°C) is used as the reference states. These mixing properties were determined by
where H Figure 11 (a) shows that the entropy of mixing for all six pseudo-binary systems deviate more or less from the ideal entropy of mixing. First, the compositions with the maximum DS bcc mix deviate from equi-molar composition, especially for HfNbTaTiVZr x followed by Hf x NbTaTiVZr. Secondly, for Hf x NbTaTiVZr (x £ 28 at. pct), HfNb x TaTiVZr, HfNbTa x TiVZr, HfNbTaTi x VZr, HfNbTaTiV x Zr, and HfNbTaTiVZr x (x ‡ 10 at. pct), they show small negative excess entropy. The calculated entropy of mixing is +14.59 J/K/mol for the HfNbTaTiVZr senary HEA. Figure 11 (b) shows that the calculated enthalpy of mixing (DH bcc mix ) for the senary HEA is +5.09 kJ/mol, while for the six quinary equi-molar HEAs, the values are within 4 to 6 kJ/mol. Accordingly, the minimum of the Gibbs-free energy of mixing (DG bcc mix ) for these six pseudo-binary systems deviates from equi-molar composition due to both DS 
D. HEA Formation Rules
HEA formations rules were previously addressed from the consideration of several topological, thermodynamic, and physical parameters including atomic size difference (C), [11] enthalpy of formation (DH f ), [11] valence electron concentration (VEC), [37] X parameter, [13] and electronegativity difference (d). [14] Reference 38 provides a comprehensive review in this topic. The atomic size difference measures composition-weighted difference in the atomic radii among constituent elements, and is calculated by 
where r i (r j ) is the atomic radius of the ith (jth) element. The X-parameter correlates the melting point, total entropy of mixing, and the total enthalpy of mixing (DH mix ) as
where T m is the average melting temperature of the alloy (i.e., T m ¼ P i x i T i m , where T i m is the melting point of component i). While the HEA community uses the ideal entropy of mixing and the enthalpy of mixing for the liquid phase to calculate X-parameter, it should be more meaningful if the mixing properties for the solid solution phases are used. Therefore, the liquidus temperature, DH bcc mix ; and DS bcc mix predicted from CALPHAD are used in this study instead of the Miedema model.
The VEC of an HEA is calculated by
where VEC i is the VEC of element i. Here the f-orbital electrons of Hf and Ta are not counted as VEC.
The electronegativity difference in a multi-component system was previously proposed by Fang et al. [39] for bulk metallic glasses (BMG):
where v i (v j ) are the Pauling electronegativity of the ith (jth) element, respectively. Plugging the relevant values from the literature and this study into these equations yields the following: d = 5.59 pct, X = 6.2, VEC = 4.5, and Dv = 0.41. These calculated empirical parameters basically satisfy those rules proposed in References 11, 13, 14, and 37, further justifying the formation of single BCC HEA in this senary HfNbTaTiVZr alloy.
The present study demonstrates that these parameters are useful in predicting HEA formation, but some drawback is that other important factors are ignored such as the competing phases. On the other hand, all these parameters should be reflected at least partially in the free energy of the system. Therefore, as emphasized in References 15, 18, 21, 40 through 42, phase diagrams are the key to understanding HEA formation, and utilizing CALPHAD modeling can be more efficient in screening new HEAs than solely replying empirical parameters. AIMD simulations further suggest lack of potent short-range order or segregation in this senary HfNbTaTiVZr HEA. This efficient searching strategy [18] that combines experimental phase diagram inspection, CALPHAD modeling, and AIMD simulations has been used to design a variety of new single-phase HEAs in HCP, [19, 43] FCC, [19] and BCC [19] structures. A variety of new single-phase HEAs were also suggested by phase diagram inspection, [44] CALPHAD, [21] and DFT screening. [22] The good agreement in phase diagram and solidification behavior between CALPHAD modeling and experiments in MoNbTaTiVW [20] and HfNbTaTiVZr has demonstrated the usefulness of the TCNI7 database. It should be emphasized that including thermodynamic assessment for the constituent ternaries in these senary HEAs will definitely improve its reliability as pointed by Zhang and Gao. [41] Future experiments on phase equilibria and measurements on phase transitions, heat capacity, and heat of mixing, are needed to validate the various predictions presented in this study. In particular, pronounced elemental segregation was observed in the as-cast senary HfNbTaTiVZr; therefore, homogenization at high temperatures and then annealing for sufficient long time will be important to examine the thermal stability of the BCC solid solution.
VI. CONCLUSIONS
A new senary refractory BCC HfNbTaTiVZr HEA was designed by CALPHAD modeling using TCNI7 database and was experimentally verified using XRD and SEM. The atomic structure and diffusion constants were predicted using AIMD simulations. The measured density at room temperature is 9.36 g/cm 3 . The Vickers micro-hardness of the alloy is about 5.5 GPa. The following conclusions were reached:
1. CALPHAD method with reliable thermodynamic database is proven to be an efficient tool in searching for new single-phase HEAs. 2. AIMD simulations showed lack of potent tendency in short-range order or separation in liquid. At 2473 K (2200°C), the predicted density is 9.076 g/ cm 3 , and the diffusion constants are 5.35 ± 0.08, 4.96 ± 0.02, 4.07 ± 0.07, 3.96 ± 0.02, 3.86 ± 0.03, and 3.73 ± 0.06 [10 À5 cm 2 /s] for V, Ti, Zr, Nb, Hf, and Ta, respectively. 3. It was observed that the dendrite was enriched in Ta followed by Nb while the interdendrite region was mainly enriched by Zr. The observed microsegregation behavior qualitatively agrees with the prediction from Scheil-Gulliver models. 4. The compositions with the maximum entropy of mixing for the BCC phase deviate from equi-molar composition, especially for HfNbTaTiVZr x followed by Hf x NbTaTiVZr. 5. Calculated DH bcc mix and DS bcc mix for HfNbTaTiVZr are 5.09 kJ/mol and 14.59 J/K/mol, respectively. The BCC phase in the senary shows overall small negative excess entropy at 1273 K (1000°C). 6. The calculated empirical parameters including atomic size difference (d), [11] enthalpy of formation (DH f ), [11] electronegativity difference (Dd), [14] and X-parameter [13] all favor formation of single BCC HfNbTaTiVZr HEA solid solution. The calculated valence electron concentration (VEC) [37] suggests the preference of BCC structure. 
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